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Introduction 


In  the  search  for  new  materials,  and  microstructures,  rapid 
solidification  processing  (RSP)  has  proved  to  be  a  very  useful 
technique.  During  rapid  solidification,  the  nucleation  and 
growth  of  stable  phases  can  be  difficult.  A  wide  range  of 
reported  microstructural  variations  encompass  not  only  equili¬ 
brium  phase  mixtures  with  a  refined  microstructural  scale,  but 
also  novel  microstructures  such  as  supersaturated  solid  solu¬ 
tions,  metastable  intermediate  phases  and  amorphous  solids. 

Dispersion  strengthened  aluminum  alloys  can  benefit  from 
RSP  techniques  to  produce  the  needed  fine  scale  distribution  of 
phases.  At  the  same  time  the  processing  parameters  which  pro¬ 
duce  a  desired  microstructure  need  to  be  identified  in  order  to 
predict  and  control  microstructural  development.  Undercooling 
is  one  key  processing  parameter  which  is  directly  related  to 
microstructural  evolution.  Through  the  control  of  melt  under¬ 
cooling,  highly  dispersed  phase  mixtures  can  be  created  by  var¬ 
ious  phase  separation  reactions,  fine  scale  eutectic  growth, 
precipitation  of  phases  from  supersaturated  solid  solutions,  or 
from  the  decomposition  of  metastable  phases. [1] 

With  most  RSP  methods  direct  information  on  the  specific 
solidification  pathway  and  thermal  history  controlling  micro- 
structure  development  is  noi  accessible  by  accurate  measure¬ 
ment,  but  instead  the  processing  history  is  inferred  based  upon 
deductions  from  post-solidification  microstructures  combined 
with  heat  flow  analysis  calculations.  Although  this  approach 
is  useful,  the  interpretation  of  the  microstructural  analysis 
and  heat  flow  calculations  is  not  always  unambiguous.  As  a 
result,  the  optimization  of  processing  and  alloy  design  to 
yield  a  reliable  control  of  dispersoid  microstructure  develop¬ 
ment  has  not  been  possible  in  all  cases.  At  the  same  time, 
with  droplet  samples,  controlled  undercooling  experiments  with 
A1  alloys  have  been  established  as  an  effective  approach  to 
optimizing  processing  parameters  to  yield  a  maximum  undercool¬ 
ing  behavior  and  a  high  level  of  microstructure  refinement. 
Moreover,  the  microstructural  morphologies  that  develop  during 
solidification  in  undercooled  droplets  under  slow  cooling  con¬ 
ditions  have  been  shown  to  be  comparable  to  the  structures  that 
evolve  during  rapid  quenching  of  atomized  powders.  From  these 
studies,  information  can  be  gained  on  alternative  solidifica¬ 
tion  pathways  allowing  for  favorable  microstructures  to  be 
developed  and  a  basis  may  be  generated  for  an  effective  RSP 
alloy  design. 

Aluminum  Droplet  Production  And  Processing  Parameters 

Large  undercooling  in  aluminum  samples  can  be  achieved  by 
dispersing  a  liquid  sample  into  a  large  number  of  small  drop¬ 
lets,  with  sizes  5-40  um,  with  only  a  small  fraction  of  the 
droplets  containing  potent  nucleants.  If  droplet  independence 
can  be  maintained  without  introducing  potent  catalytic  sites, 
then  the  effects  of  internal  nucleants  can  be  restricted  to  a 
minor  fraction  of  the  droplet  population,  and  the  majority  of 
the  droplets  can  display  a  large  undercooling. 

The  Droplet  Emulsion  Technique  (DET)  is  an  effective  means 
to  produce  aluminum  powders  on  a  laboratory  scale.  A  schematic 
of  the  emulsion  system  is  shown  in  figure  1.  Powder  is  pro¬ 
duced  by  melting  an  inorganic  salt  and  alloy  mixture  in  an  alu¬ 
mina  crucible.  Inorganic  salt  systems  were  chosen  for  use  as 
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the  carrier  media  on  the  basis  of  a  propensity  for  aluminum 
compound  formation  with  the  expectation  that  they  may  either 
modify  or  produce  beneficial  fluxing  action  on  the  oxide  typi¬ 
cally  present  on  aluminum.  The  molten  alloy  and  salt  mixture 
at  a  superheat  of  50-75°C  is  sheared  into  many  fine  droplets 
that  are  dispersed  in  the  carrier  media.  Following  the  emul¬ 
sification,  the  powders  are  retrieved  by  dissolution  of  the 
salt  and  subsequently  the  powders  are  collected,  and  sieved 
into  size  ranges. 

The  past  experience  with  the  droplet  technique  has  identi¬ 
fied  a  number  of  processing  parameters  that  influence  the  opti¬ 
mization  of  liquid  undercooling  in  powder  samples.  These  pro¬ 
cessing  variables  include:  droplet  size  refinement  [2],  melt 
superheat,  melt  cooling  rate,  alloy  composition,  as  well  as 
droplet  surface  coating  [3,4]. 

Droplets  size  refinement  tends  to  promote  deep  undercool¬ 
ings.  In  general,  the  finer  the  size,  the  larger  the  undercool¬ 
ing.  With  melt  superheat,  the  effect  on  the  undercooling  tends 
to  be  specific  to  the  system.  Each  aluminum  alloy  system  has  a 
certain  level  of  superheat  which  allows  for  the  greatest  under¬ 
cooling.  In  general,  increasing  the  cooling  rate  tends  to 
increase  the  undercooling.  Processes  with  very  high  cooling 
rates  such  as  gas  atomization  make  undercooling  studies  very 
difficult,  because  nucleation  temperatures  can  not  be  measured. 
Powders  processed  in  the  DET  are  analyzed  by  Differential  Scan¬ 
ning  Calorimetry  (DSC),  Differential  Thermal  Analysis  (DTA)  or 
by  a  moderate  quenching  (<  103  °C/s)  apparatus  which  give 
controlled  cooling  rates,  and  measured  undercooling  levels. 

An  important  powder  processing  parameter  is  the  powder 
coating.  The  coating  is  important  in  two  respects.  The  first 
is  due  to  the  coating  influence  on  the  attainable  undercooling 
level,  and  the  second  is  related  to  the  effects  on  the  powder 
compaction  characteristics  [5].  Droplet  coatings  should  be 
less  catalytic  than  any  internal  nucleants  in  order  to  achieve 
high  undercoolings  and  clearly  the  best  coating  is  one  that  is 
inert  catalytically .  An  effective  method  of  controlling  the 
aluminum  powder  coating  chemistry  is  to  change  the  chemical 
constituency  of  the  environment  in  which  the  powders  are  pro¬ 
duced.  While  atomization  techniques  typically  use  a  gas  envi¬ 
ronment,  the  droplet  emulsion  technique  uses  a  liquid  medium  to 
produce  powders.  The  different  liquids  used  give  rise  to  dif¬ 
ferences  in  the  powder  coating  chemistry. 

The  undercooling  response  of  aluminum  powders  produced  in 
three  different  salt  environments  as  measured  in  the  DTA  is 
shown  in  figure  2.  Powders  in  each  of  the  salts  att^an  a  dis¬ 
tinct  undercooling  level  with  powders  produced  in  the  phosphate 
salt  achieving  the  least  undercooling,  those  produced  in  the 
chloride  salt  attaining  an  intermediate  amount,  and  those  pow¬ 
ders  produced  in  the  sulfate  salts  achieving  the  largest  under¬ 
cooling  . 

As  a  means  of  investigating  the  different  levels  of  under¬ 
cooling  induced  by  the  different  salts,  as  well  as  the  ability 
of  the  chemical  environment  In  which  the  powders  are  produced 
to  alter  the  coating  chemistry,  powders  were  characterized  by 
Auger  Electron  Spectroscopy  (AES).  The  results  of  the  surface 
chemistry  analysis  for  powders  made  in  each  of  the  salts  are 
shown  in  figure  3.  The  analysis  indicates  that  while  an  AI2O3 
oxide  coating  is  detected  on  powders  produced  in  each  of  the 
salts,  differences  in  coating  chemistry  may  be  induced  by  vary¬ 
ing  the  dispersal  media  chemistry.  For  example,  the  phosphate 


salt  gives  rise  to  phosphorus  being  present  in  the  surface,  the 
sulfate  salt  leaves  a  sulfur  residue  while  the  chloride  salt 
leaves  traces  of, chlorine  in  the  AI2O3  coating. 

The  increase  in  the  undercooling  level  of  the  aluminum  pow¬ 
ders  produced  in  the  sulfate  salt  indicates  that  the  sulfur 
present  in  the  surface  coating  has  modified  it  in  some  manner. 
A  model  has  been  proposed  with  which  the  surface  modification 
can  be  explained  [3].  From  the  work  of  Fletcher  [6],  nucle- 
ation  on  the  surfaces  of  samples  is  initiated  at  conical  pits 
as  in  a  surface  depicted  in  figure  4A.  If  the  sulfur  which  is 
present  after  powder  production  in  the  sulfate  salt  resides  on 
the  ledges  of  the  pits,  the  sulfur  will  in  effect  alter  the  pit 
size  and  distribution,  as  can  be  seen  in  figure  4B.  The 
reduced  pit  size  causes  the  radius  of  a  nucleus  which  may  form 
in  it  to  be  decreased.  To  compensate  for  the  reduced  nucleus 
radius,  the  undercooling  prior  to  nucleation  must  be  increased. 
Thus,  the  effect  of  the  sulfate  salt  is  to  poison  the  catalytic 
sites  present  at  the  coating/liquid  interface.  This  example 
illustrates  one  mechanism  for  surface  coating  modifications  to 
yield  a  significant  influence  on  the  attainable  undercooling, 
but  other  processes  involving  the  distribution  and  potency  of 
active  surface  sites  [7]  can  also  contribute  to  control  of 
undercooling. 

Even  when  these  processing  parameters  are  satisfied  to  pro¬ 
duce  large  undercoolings,  the  vast  amount  of  information  sug¬ 
gests  that  solidification  is  initiated  by  heterogeneous  nucle¬ 
ation  at  or  near  the  surface  of  the  droplets  [8],  In  these 
cases  the  maximum  undercooling  limit  appears  to  represent  the 
catalytic  potency  of  the  surface  coating.  Therefore,  it 
appears  that  close  attention  to  the  nature  of  the  coating  is  of 
prime  importance  in  attaining  reproducible,  large  undercooling 
levels . 

Solidification  of  A1  Alloy  Powders 

The  undercooling  experienced  with  pure  A1  is  important  to 
consider  because  a  similar  influence  of  powder  processing  par¬ 
ameters  has  been  found  to  prevail  in  the  treatment  of  Al-rich 
alloys.  The  solidification  microstructure  that  develops  in  A1 
alloys  has  been  documented  to  be  related  closely  to  the  initial 
level  of  undercooling  at  the  onset  of  solidification  [9,10]. 
Of  course,  with  alloy  solidification  the  available  pathways  for 
freezing  from  an  undercooled  state  involve  a  variety  of 
options.  In  this  case  the  microstructural  and  thermal  history 
analysis  capabilities  that  can  be  applied  in  the  controlled 
solidification  of  droplets  are  of  particular  assistance  in 
identifying  the  operative  pathway  under  a  given  set  of  process¬ 
ing  conditions.  A  number  of  the  RSP  pathway  options  can  be 
analyzed  by  examining  the  solidification  of  droplet  samples  in 
several  A1  alloy  systems  which  offer  a  useful  potential  for 
dispersoid  formation. 

Aluminum  -  Nickel  Alloys 

A  number  of  useful  starting  structures  for  dispersion  har¬ 
dening  have  been  produced  in  Al-Ni  alloys  including  metastable 
intermetalllc  [11,12],  supersaturated  aluminum  [13-15]  and 
amorphous  phases  [16].  In  powder  form,  aluminum-nickel  alloys 
can  be  undercooled  to  relatively  large  levels  which  are  compa¬ 
rable  to  levels  attained  in  pure  A1  by  controlling  the  powder 


FIG.  4.  Schematic  of  the  liquid/coating  interface  of  alu¬ 


minum  powders.  (A)  represents  an  interface  without  sulfur. 


while  (B)  indicates  the  sulfur  addition. 


processing  parameters.  In  the  present  work,  several  unique 
features  associated  with  refined  microstructures  appear  in  rap¬ 
idly  solidified  Al-Ni  powders  with  the  Al-rich  compositions 
near  the  Al/Al3Ni  eutectic. 

Hypoeutectic  alloy  powders  of  Al-3  wt/o  Ni  were  observed  to 
undercool  by  170°C  and  exhibit  a  single  nucleation  exotherm  at 
a  modest  cooling  rate  of  500°C/sec.  Figure  5A  shows  the  typi¬ 
cal  microstructure  developed  in  Al-3  wt/o  Ni  droplets,  and 
illustrates  a  number  of  characteristic  features  of  RSP  powder 
microstructures.  For  example  a  gradation  in  structural  refine¬ 
ment  is  apparent  across  the  diameter  of  the  internal  section. 
The  most  highly  refined  structure  appears  to  originate  near  the 
surface  in  the  lower  right  section.  Away  from  this  starting 
point  the  cellular  pattern  exhibits  an  increasing  ceil  size. 
This  pattern  of  microstructural  scale  variation  is  expected 
from  the  recalescence  thermal  history  associated  with  the  ini¬ 
tial  adiabatic  solidification  of  an  undercooled  powder  [17]. 
Based  upon  X-ray  measurements  of  the  A1  lattice  parameter,  the 
primary  aluminum  cellular  region  was  supersaturated  in  excess 
of  the  equilibrium  solubility.  From  a  plot  of  the  aluminum 
lattice  parameter  versus  composition  [18],  the  composition  of 
the  aluminum  solid  solution,  was  estimated  as  approximately  2 
wt/o  Ni .  While  the  observed  supersaturat ion  is  not  the  maxi¬ 
mum  level  possible,  it  is  consistent  with  solidification  at  the 
measured  undercooling  in  terms  of  a  metastable  extension  of  the 
aluminum  solidus. 

The  decomposition  of  the  supersaturated  powders  was 
examined  using  DSC,  which  determined  that  the  decomposition 
reaction  is  centered  at  about  400°C.  A  DSC  thermogram  is  shown 
in  figure  6  in  which  two  peaks  are  evident.  The  lower  tempera¬ 
ture  endotherm  is  due  to  the  liberation  of  the  water  of  hydra¬ 
tion  in  the  aluminum  oxide  powder  coating  [19].  The  exothermic 
second  peak  corresponds  to  the  decomposition  of  the  supersatu¬ 
rated  powder.  Following  the  decomposition  reaction  at  400°C, 
X-ray  diffraction  lattice  parameter  measurements  indicated  that 
the  A1  solid  solution  had  achieved  the  equilibrium  solubility 
of  near  0.05  wt/o  Ni.  The  microstructure  of  the  powder  after 
decomposition  treatment  is  presented  in  figure  5B.  The  size 
scale  gradation  that  was  present  in  the  as-solidified  micro¬ 
structure  has  been  obliterated  following  solid  state  heat 
treatment.  The  intercel lular  zone  has  been  replaced  by  a  col¬ 
lection  of  discrete  dispersoids  of  the  intermetal 1 ic  Al3Ni 
phase  with  sizes  in  the  range  of  0.04  to  0.7  urn.  Moreover,  the 
low  equilibrium  solid  solubility  of  nickel  in  aluminum  is 
expected  to  facilitate  retention  of  the  dispersoid  microstruc¬ 
ture  during  consolidation  [20]. 

The  formation  of  a  supersaturated  A1  solid  solution  is  a 
useful  precursor  structure  for  the  development  of  a  high  den¬ 
sity  of  fine  dispersoids  by  solid  state  heat  treatment.  As  a 
result,  it  is  of  interest  to  compare  the  results  on  the  maximum 
supersaturation  level  attained  in  a  variety  of  rapid  quenching 
methods.  A  plot  of  supersaturation  level  of  nickel  in  aluminum 
as  a  function  of  cooling  rate  is  shown  in  figure  7.  This  plot 
is  composed  of  cooling  rate,  and  supersaturation  data  from 
splat  quenching,  vapor  deposition,  and  powder  solidification 
work.  A  cooling  rate  of  107-108  °C/sec  was  reported  as  typical 
for  one  gun-splat  quenching  experiment  [13].  For  a  two  piston- 
splat  quenching  process  an  estimated  cooling  rate  has  been 
reported  in  the  range  of  105-108  °C/sec  [12].  The  cooling  rate 
for  a  flash  vapor  deposition  method  [14]  as  well  as  that  for 


FIG.  5.  (A)  An  Al-3  wt*Ni  powder  that  was  cooled  at  500° 
C/sec.  (B)  An  Al-3  wtSSNi  powder  that  was  cooled  at  500°/sec, 
and  decomposed  in  a  DSC. 
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FIG.  6.  DSC  thermogram  of  the  supersaturated  Al-3  wt*Ni 
powder.  The  decomposition  exotherm  is  centered  about  400°C. 
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FIG.  7.  A  plot  of  the  approximate  relation  between  aluminum 
supersaturated,  and  processing  cooling  rate.  (A)  determined 
from  the  present  work.  (B)  [11],  (C)  [13],  and  (D)  [12]  are 
from  splat  quenching  work,  while  (E)  [14],  and  (F)  [15]  are 
from  vapor  deposition  studies. 


FIG.  8.  Microgaph  of  an  Al-6.1  wtfcNi  powder  depicting  the 
three  zone  structure  (A),  where  zone  1  (B)  is  a  two  phase  mor- 

' ,zone  2  is  a  cellular  structure,  and  zone  3  (D)  is 
the  Al-AlgNi  eutectic. 


a  vapor  quenching  treatment  [15]  can  be  estimated  to  be  of 
order  of  about  10*°-10i2  °C/sec.  The  cooling  rate  used  in  the 
present  work  was  the  measured  value.  The  plot  indicates  that 
the  degree  of  supersaturation  of  nickel  in  aluminum  increases 
with  increasing  cooling  rate  in  a  continuous  trend.  At  high 
cooling  rates  the  scatter  in  the  results  due  to  the  uncertainty 
in  the  value  of  the  cooling  rate  is  too  great  to  conduct  any 
detailed  kinetics  analysis.  In  fact,  at  the  highest  nickel 
levels  and  cooling  rates,  reported  experience  indicates  that 
glass  formation  is  also  possible  [16].  While  metallic  glass 
formation  also  signifies  a  supersaturation  of  Ni,  the  solidifi¬ 
cation  mechanism  is  different  than  that  yielding  a  metastable 
A1  solid  solution.  Such  a  variability  in  structure  formation 
suggests  a  sensitivity  to  sample  conditions  between  different 
quenching  methods.  If  this  factor  can  be  identified,  then  a 
master  plot  mapping  supersaturat ion  level  at  different  quench 
rates  can  be  established  and  analyzed  based  upon  droplet 
results  obtained  at  low  cooling  rates  [21].  This  type  of  mas¬ 
ter  plot  can  be  used  to  set  processing  conditions  for  the  for¬ 
mation  of  supersaturated  A1  at  a  given  level,  and  subsequent 
solid  state  precipitation  of  dispersoid  phases  can  be  performed 
to  produce  submicron  dispersoids. 

Alloys  of  eutectic  composition  have  also  been  processed  as 
droplet  dispersions  and  we^~  observed  to  exhibit  a  signifi¬ 
cantly  different  microstructural  morphology  than  the  hypoeutec- 
tic  powders  as  illustrated  in  figure  8.  Three  microstructural 
zones  can  be  observed.  Nucleation  occurred  in  zone  1,  which 
exhibits  a  fine  two  phase  morphology  associated  with  an  initial 
rapid  solidification  and  recaiescer.ce.  The  fine-scale  micro¬ 
structure  may  have  formed  as  a  result  of  pinching  off  of  deeply 
grooved  A1  ceils  [22],  spheroidization  of  AlgNi  rods  that 
formed  between  the  fine  A1  ceils,  or  rapid  nucleation  and  lim¬ 
ited  growth  of  AlgNi  particles  on  the  rapidly  moving  A1  inter¬ 
face.  A  more  detailed  examination  of  the  fine  scale  microstruc¬ 
ture  by  TEM  is  in  progress  to  establish  the  pathway  for  zone  1. 
With  a  change  in  the  solidification  conditions  during  recales- 
cence  and  a  reduced  growth  rate,  a  second  microstructural  zone 
develops  which  is  composed  of  aluminum  cells  with  intercellular 
Al3Ni.  During  continued  cooling  the  droplet  completes  solidi¬ 
fication  under  external  heat  transfer  in  zone  3,  which  displays 
a  eutectic  morphology.  It  appears  that  the  measured  droplet 
undercooling  levels  reached  a  temperature  where  the  growth  of  a 
two-phase  Al/A^Ni  structure  was  preferred,  and  upon  recales- 
cence  the  morphology  changed  to  cells  of  aluminum  with  inter¬ 
cellular  Al 3N i ,  and  upon  final  cooling  the  structure  became  a 
regular  Al-Al3Ni  eutectic.  The  solidification  path  leading  to 
zone  1  produces  a  very  fine  dispersion  of  AlgNi  in  the  alumi¬ 
num,  which  should  act  as  a  good  dispersion  strengthener . 

Hypereutectic  powders  of  compositions  Al-9,  and  12  wt/o  Ni 
were  also  processed  in  controlled  undercooling  experiments 
and  developed  a  multi-zone  microstructural  morphology.  Powders 
of  these  compositions  cooled  at  500°  C/sec  exhibited  extra 
diffraction  peaks  in  addition  to  those  of  Al  and  AlgNi  upon 
x-ray  analysis.  The  additional  peaks  have  been  indexed  to  cor¬ 
respond  to  the  metastable  intermediate  phase  AlgNi2-  The 
AI-Ni-Fe  system  [23]  has  an  equilibrium  ternary,  monoclinic 
compound,  Alg (FexNij_x) 2  [24],  which  would  correspond  to  AlgNi2 
upon  extrapolation  to  the  binary  Al-Ni  system.  The  AlgNi2 
compound  has  not  been  previously  reported  to  exist  in  the  Al-Ni 
binary,  however  a  monoclinic  phase  of  undetermined  composition 


was  reported  to  develop  a tee.  solid  state  decomposition  of 

splat  quenched  Al-Ni  [11J. 

The  powders  containing  AlgNi2  were  analyzed  with  DSC.  The 
powders  exhibited  a  single,  well-defined  exothermic  peak  cen¬ 
tered  at  about  375°C.  Upon  subsequent  X~ray  analysis  the 
AlgNi2  peeks  were  absent.  The  metastable  phase(s)  obtained  in 
other  studies  were  reported  to  decompose  between  150-300°C  with 
isothermal  treatments  [11,12,25]. 

The  microstructure  developed  in  Al-12  wt/o  Ni  powders  that 
were  undercooled  200°C  below  the  liquidus  is  shown  in  figure  9. 
Again  the  powders  appear  to  exhibit  a  three  zone  microstruc¬ 
ture,  where  zone  1  represents  a  coupled  morphology,  zone  2  is  a 
primary  intermetallic  phase,  and  zone  3  is  a  coupled  eutectic 
structure.  Zone  1  is  presumed  to  correspond  to  the  coupled 
growth  of  the  Al-AlgNi2  metastable  eutectic,  which  becomes  less 
preferred  upon  recalescence  outside  of  the  coupled  zone  and 
forms  primary  dendrites  of  AlgNi2-  The  powder  finishes 
sol idif ication  in  zone  3  with  the  control  of  the  growth  by 
external  heat  flow  which  allows  the  coupled  growth  of  the 
Al-AlgNi  stable  eutectic.  The  determination  of  the  coupled 
growth  zone,  the  temperature/composition  region  in  a  phase  dia¬ 
gram  where  the  growth  of  a  coupled  eutectic  structure  is  faster 
than  either  primary  phase,  is  important  when  fine  scale  disper¬ 
sions  microstructures  are  desired.  When  the  coupled  zone  is 
mapped  out,  a  cooperative  growth  morphology  can  be  obtained  in 
alloys  other  than  the  eutectic  composition  when  the  processing 
conditions  allow  the  alloy  to  solidify  within  tempera¬ 
ture/composition  region  of  the  coupled  zone.  The  aluminum  side 
of  the  Al-Ni  phase  diagram  with  the  possible  coupled  zones  of 
the  stable  Al-AlgNi  eutectic,  and  the  metastable  Al-AlgNi2 
eutectic  is  shown  in  figure  10.  The  metastable  liquidus  was 
determined  from  extentions  of  the  ternary  liquidus  isotherms, 
along  with  the  metastable  peritectic  and  eutectic  reactions 
[23,26,27].  The  metastable  phase  was  observed  in  compositions 
around  the  metastable  eutectic  because  the  undercooling  needed 
to  reach  the  metastable  liquidus  is  the  least  in  this  range  of 
composition.  Since  the  eutectics  are  of  a 
f acetted/non-f acetted  type  it  is  expected  that  the  coupled 
growth  zones  will  be  skewed  in  the  direction  of  the  intermetal- 
lics  due  to  growth  kinetic  reasons  [28]. 

Powders  of  15  and  19  wt/o  Ni  were  observed  to  contain  a  two 
zone  microstructure.  Zone  1  was  composed  of  a  coupled  morphol¬ 
ogy  which  develops  into  the  zone  2  structure  composed  of 
dendrites  of  AlgNi  and  interdendr it ic  eutectic.  The  hypereu¬ 
tectic  powders  nucleated  and  grew  with  a  coupled  Al-AlgNi 
morphology  until  the  temperature  was  increased  sufficiently  by 
recalescence  to  make  the  coupled  morphology  less  preferred, 
leading  it  to  the  formation  of  dendrites  of  Al3Ni,  and  interde- 
ndritic  eutectic.  Powders  greater  than  19  wt/o  Ni  did  not 
exhibit  a  coupled  morphology  with  the  undercooling  levels 
observed.  These  alloys  nucleated  and  grew  as  dendrites  of  AlgNi 
with  interdendritic  eutectic. 

Aluminum  -  Iron  Alloys 

Rapidly  solidified  Al-Fe  alloys  are  an  important  class  of 
aluminum  alloys  since  RSP  can  effectively  bypass  formation  of 
coarse,  brittle  Al3Fe  which  is  produced  during  conventional 
processing  of  these  alloys  [29,30].  The  avoidance  of  the  A^Fe 
primary  in  rapidly  solidified  Al-Fe  alloys  allows  for  the  for- 
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FIG.  9.  Micrograph  of  an  AI-12  wt^Ni  powder  (A  and  B) ,  in 
which  initial  solidification  was  the  metastable  Al-AlgN^ 
eutectic  in  zone  2.  Zone  2  is  a  region  in  which  dendrites  of 
AlgNi2  formed.  Zone  3  is  a  region  cf  stable  eutectic. 


FIG.  10.  The  aluminum  side  of  the  Al-Ni  phase  diagram  which 
includes  the  metastable  phase  AlgNi2  and  the  possible  coupled 
growth  zones  of  the  stable  and  metastable  eutectic. 


mat  ion  of  the  metastable  Alg.  „  .  an  1  the  A1  -i-..0Fc  eutec¬ 
tic.  This  eutectic  is  formed  ir.  both  slowly  cooled  and  atom¬ 
ized  powders,  arid  has  been  found  to  be  kinetically  stable  up  to 
the  measured  metastable  eutectic  temperature  at  649°C  during 
continuous  heating  in  DTA  examinations.  Figure  11  shows  the  Al 
rich  side  of  the  Al-Fe  phase  diagram  with  the  possible  coupled 
zones  of  the  stable  Al-A23Fe  eutectic  and  the  metastable 
Al-AlgFe  eutectic  [29]. 

To  exemplify  the  importance  of  undercooling  on  the  micro- 
structural  formation,  the  microstructure  developed  in  slowly 
cooled  Al-Fe  powders  has  been  compared  to  atomized  powders 
[31].  Figure  12  shows  that  in  slowly  cooled  Al-Fe  droplets  the 
primary  Al3Fe  phase  can  be  avoided,  and  a  fine  scale  micro¬ 
structure  develops.  The  fine  structure  is  composed  of  aluminum 
cells  followed  by  the  formation  the  metastable  Al-AlgFe  eutec¬ 
tic.  Similar  fine  structures  are  seen  in  atomized  powders  as 
in  figure  13.  The  rapidly  quenched  atomized  powders  form  a 
fine  scale  mixture  of  Al  and  AlgFe  also  with  the  avoidance  of 
Al3Fe . 

Powder  coating  modifications  can  be  produced  by  altering 
the  chemical  environment  in  which  the  powders  are  emulsified. 
Coating  modifications  may  also  be  affected  by  the  addition  of 
solute  prior  to  emulsification.  One  such  solute  addition  is 
cerium.  The  undercooling  results  of  Al-9.0Fe  powders,  and 
Al-8.4Fe-7.0Ce  powders  of  similar  sizes  analyzed  under  similar 
conditions  are  compared  in  figure  14  for  cooling  from  the  liq¬ 
uid  region,  and  also  from  the  liquid  plus  Al3Fe  region.  The 
undercooling  results  of  the  Al-9.0Fe  seem  to  indicate  that  the 
undercooling  is  limited  by  primary  phase  formation.  Figure  15 
shows  the  microstructure  in  A2-9.0Fe  powder  what  was  held  in 
the  liquid  plus  Al3Fe  region  and  cooled  in  order  to  evaluate 
the  undercooling  of  the  liquid  in  the  presence  of  a  primary 
phase.  This  DTA  treatment  is  termed  a  heterogeneous  cycle  (HET 
cycle) .  The  HET  cycle  of  the  sample  with  Ce  addition  gave  sim¬ 
ilar  undercoolings,  but  the  DTA  trace  for  the  complete  thermal 
cycle  indicates  a  much  greater  undercooling.  It  seems  that  the 
addition  of  cerium  allows  for  the  avoidance  of  the  primary 
Al3Fe  intermetall ic  upon  continuous  slow  cooling,  which  permits 
the  powders  to  attain  an  increased  undercooling.  A  nucleation 
temperature  of  560 °C  corresponding  to  an  undercooling  of  320°C 
below  the  liquidus  is  equivalent  to  an  undercooling  of  0.28Tm 
for  this  alloy.  The  microstructure  of  the  highly  undercooled 
powders  exhibited  no  coarse  intermetal 1 ic  constituent,  but 
rather  a  fine  structure  composed  of  cells  of  aluminum  and 
intercellular  intermetal 1 ic . 

Aluminum  -  Beryllium  Alloys 

Aluminum-Beryllium  is  an  alloy  system  which  is  quite 
attractive  from  a  rapid  solidification  processing  approach. 
The  low  density  and  relatively  high  elastic  modulus  of  beryl¬ 
lium  allow  for  the  potential  to  produce  stiff  alloys  with  a 
very  high  strength  to  weight  ratio  [32].  With  conventional 
processing  conditions  this  system  is  of  little  interest  because 
the  maximum  solid  solubility  limit  of  beryllium  in  aluminum  and 
the  eutectic  composition  lie  too  low  to  produce  either  effec¬ 
tive  solid  solution  or  dispersion  hardening.  However,  by 
employing  rapid  solidification  techniques  to  these  alloys  it 
is  possible  to  increase  the  level  of  beryllium  in  solid  solu¬ 
tion  or  to  increase  the  beryllium  content  dispersed  uniformly 
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FIG.  11.  The  aluminum  side  of  the  Al-Fe  phase  diagram  with 
the  possible  coupled  growth  zones  of  stable  Al-Al3Fe  eutectic, 
and  the  metastable  AlgFe  eutectic. 


FIG.  12.  Refined  microstructure  developed  in  undercooled 
Al-5  wt*Fe  powders  cooled  at  0.5°/sec. 


FIG.  14.  DTA  thermograms  demonstrating  that  primary  phase 
formation  limits  the  undercooling  of  Al-9  wt%Fe  powders  (A), 
while  the  addition  of  cerium  allows  for  the  avoidance  of  the 
primary  phase  and  an  increased  undercooling  in  powders  under¬ 
going  the  maximum  undercooling  treatment  (B) . 


and  finely  throughout  an  aluminum  matrix. 

Powders  of  several  compositions  up  to  15  at&Be  were  pro¬ 
duced  using  the  droplet  emulsion  technique.  It  was  observed 
that  the  undercooling  of  the  aluminum  was  altered  with  the 
addition  of  beryllium  by  the  change  of  the  measured  175°C 
undercooling  of  pure  Al  to  97°C  below  the  liquidus  for  the 
alloy.  The  change  in  undercooling  appears  to  be  related  to  a 
change  in  droplet  surface  chemistry  as  shown  in  figure  16, 
which  compares  the  auger  electron  spectra  of  the  surface  of 
pure  aluminum  and  Al-10  atfcBe  powders  processed  in  the  same 
salt  under  similar  conditions.  It  can  be  seen  that  the  powders 
produced  from  the  beryllium  containing  alloy  do  not  possess  a 
complete  aluminum  oxide  coating,  but  rather  exhibit  a  beryllium 
oxide  coating.  It  appears  the  beryllium  oxide  has  nearly  com¬ 
pletely  displaced  the  aluminum  oxide  surface  coating. 

The  measured  undercooling  for  the  Al-10  at%Be  powders  var¬ 
ied  from  15°C  for  powders  cooled  at  a  rate  of  0.5°C./sec,  to 
97°C  for  powders  cooled  at  500°C/sec.  The  increase  in  under¬ 
cooling  with  the  increase  of  cooling  rate  also  brought  about 
microstructural  differences.  The  alloys  cooled  at  0.5°C/sec 
contained  primary  beryllium  followed  by  cells  of  aluminum  and 
eutectic.  Powders  that  were  cooled  from  the  liquid  plus  beryl¬ 
lium  region  (HET  cycle)  also  exhibited  primary  beryllium,  how¬ 
ever  the  primary  phase  faff's  were  more  completely  developed 
than  in  the  samples  that  were  continuously  cooled  from  the  liq¬ 
uid.  An  example  of  well  developed  facets  on  a  primary  Be  par¬ 
ticle  is  given  in  figure  17  for  an  Al-9  at*Be  powder  that  was 
treated  with  a  HET  cycle  which  allows  additional  time  in  the  (L 
+  Be)  region,  for  development  of  the  facets  compared  to  conti¬ 
nuous  cooling.  When  the  aluminum-beryllium  powders  were  cooled 
at  25°C/sec  the  development  of  facets  on  the  primary  beryllium 
phase  was  limited  and  a  non-facetted  dendritic  morphology  was 
evident.  The  higher  growth  rate  also  causes  the  cellular  alu¬ 
minum  and  intercellular  eutectic  to  become  much  finer  than 
those  of  the  samples  cooled  at  0.5°C/sec. 

In  Al-9  atftBe  powders  that  were  cooled  at  500°C/sec,  a 
large  number  of  primary  beryllium  particles  were  observed,  and 
many  of  these  possess  a  classic  dendritic  solidification  mor¬ 
phology.  Multiple  primary  nuclei  are  uncharacteristic  of  pow¬ 
der  samples  because  typically  a  single  nucleation  event  occurs 
in  undercooled  samples  [8].  The  formation  of  multiple  primary 
particles  may  be  due  to  the  increased  undercooling  and  is  being 
examined  further  [33].  In  other  hypereutectic  alloys,  with  a 
decreasing  Be  content,  a  significant  change  in  initial  phase 
selection  and  subsequent  microstructure  development  was 
observed  in  undercooled  powders.  For  example,  an  analysis  of 
Al-4  atfcBe  powders  cooled  at  500°C/sec  revealed  that  nucleation 
commenced  with  an  aluminum  cellular  structure  followed  by  a 
region  of  eutectic.  A  region  in  an  Al-  4at%  Be  alloy  powder, 
where  a  fine  eutectic  structure  was  formed,  is  presented  in 
figure  18.  In  this  case  a  uniform  array  of  Be  rods  with  sizes 
in  the  range  of  30-50  nm,  and  an  area  density  of  about  1  x  1013 
m-2  is  evident.  Thus,  a  high  density  of  fine  beryllium  rods  at 
compositions  in  excess  of  the  equilibrium  eutectic  are  attain¬ 
able  which  gives  these  alloys  the  potential  for  effective  dis¬ 
persion  hardening. 

The  aluminum-beryllium  system  also  possesses  the  potential 
for  a  number  of  interesting  different  solidification  pathways, 
due  to  the  numerous  metastable  equilibria  which  exist  in  this 
system.  The  metastable  equilibria  can  develop  under  con- 


FIG.  18.  Micrograph  of  an  Al-4  at%Be  powder  showing  fine 
rods  of  beryllium  dispersed  in  aluminum. 


straints  related  to  the  absence  of  a  stable  phase  due  to  slugg¬ 
ish  nucleation,  and  growth  kinetics.  The  solidif ication  path¬ 
ways  depend  on  the  undercooling,  and  competitive  nucleation  and 
growth  kinetics,  which  are  also  dependent  upon  processing  con¬ 
ditions.  The  Al-Be  phase  diagram  is  shown  in  figure  19A  with 
the  addition  of  metastable  equilibria  lines  calculated  from 
thermodynamic  considerations  [34],  The  two  reactions  depicted 
on  the  aluminum  side  are  the  stable  A1 ( f cc ) -Be (hep)  eutectic, 
and  the  metastable  A1 ( f cc ) -Be (bcc )  eutectic  as  shown  in  detail 
in  figure  19B.  There  are  several  other  calculated  metastable 
reactions  in  this  system,  including  a  monotectic  involving  a 
miscibility  gap. 

Under  equilibrium  conditions  nucleation  of  primary  hep  Be 
will  occur  at  the  liquidus  temperature  for  hypereutectic  alloy 
compositions.  With  continued  cooling  the  liquid  composition 
will  follow  the  stable  liquidus  curve  and  the  final  solidifica¬ 
tion  will  occur  at  the  eutectic  temperature.  If  nucleation  of 
the  hep  Be  is  difficult,  then  the  liquid  can  be  undercooled 
below  the  stable  liquidus.  When  the  liquid  is  undercooled 
below  the  metastable  bcc  liquidus,  it  is  possible  to  form  pri¬ 
mary  bcc  beryllium,  and  in  fact  bcc  beryllium  has  been  reported 
to  form  in  surface  melted  samples  [35]. 

Kinetic  factors  also  influence  microstructural  development 
as  demonstrated  in  Al-4  at^Be  powders  cooled  at  500°C/sec. 
Even  though  the  powder  composition  is  hypereutectic,  primary  Be 
was  not  observed  to  form,  but  instead  the  first  phase  to  form 
is  aluminum  with  a  cellular  morphology.  Thus,  initial  nucle¬ 
ation  occurred  below  the  extended  A1  liquidus.  During  the 
recalescence  period  following  nucleation,  the  interface  growth 
conditions  changed,  allowing  for  the  growth  kinetics  of  the 
eutectic  structure  to  surpass  those  of  the  cellular  aluminum 
upon  entering  the  coupled  eutectic  growth  zone,  therefore  the 
eutectic  structure  was  formed. 

In  contrast,  in  melt -spun  4.4  at*  Be  ribbon  [35]  solidifi¬ 
cation  was  observed  to  commence  with  a  eutectic-type  structure, 
and  recalescence  caused  the  adoption  of  a  cellular  A1  structure 
in  the  latter  regions  to  solidify.  Since  the  initial  solidifi¬ 
cation  of  the  hypereutectic  ribbons  was  two  phase,  and  the 
later  stages  cells  of  aluminum,  it  was  presumed  that  they  could 
not  have  formed  by  a  eutectic  reaction,  but  rather  the  results 
were  interpreted  in  terms  of  a  metastable  monotectic  reaction. 
Thus  even  though  the  composition  of  the  powder  and  the  ribbon 
were  similar  and  the  structures  possessed  many  of  the  same  fea¬ 
tures  (cells  of  aluminum  and  two  phase  Al+Be  regions),  the 
pathways  in  which  these  structures  developed  are  clearly  dif¬ 
ferent.  In  fact,  the  analysis  capability  that  may  be  applied 
with  droplet  samples  provides  valuable  guidance  in  establishing 
the  availability  of  different  pathways  with  different  process¬ 
ing  approaches.  Clearly,  all  rapid  solidification  processing 
methods  are  not  equivalent.  This  exemplifies  a  principal 
advantage  of  rapid  solidification,  to  provide  access  to  an 
increased  number  of  potential  solidification  pathways. 

Summary 

Prom  the  controlled  undercooling  experiments  on  aluminum 
based  alloys  several  important  factors  emerge  in  controlling 
the  undercooling  and  subsequent  microstructure  development  for 
dispersoid  formation.  One  of  these  processing  parameters  is 
cooling  rate.  In  general,  undercooling  is  increased  with 
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PIG.  19.  The  Al-Be  phase  diagram  including  calculated 
metastable  equilibria  (A) ,  along  with  an  enlargement  of  the 
aluminum-rich  side  of  the  diagram  (B) . 


increased  cooling  rate,  which  allows  for  the  possibility  of 
additional  pathways  to  be  effective.  Also,  fine  scale  solidi¬ 
fication  structures  are  preserved  to  a  greater  extent  if  the 
heat  extraction  'is  rapid.  Alloys  that  are  cooled  at  slow  rates, 
and  are  undercooled  to  high  levels  will  solidify  rapidly,  how¬ 
ever  post  solidification  heat  treatment  may  affect  the  micro¬ 
structure  and  cause  decomposition  of  metastable  phases,  and 
coarsening . 

In  a  similar  manner,  coating  effects  become  very  important 
when  large  undercoolings  are  being  examined.  The  media  in 
which  the  powders  is  produced  greatly  affects  the  surface  coat¬ 
ing,  and  subsequently  the  undercooling.  Solute  additions  also 
influence  the  coating  and  undercooling  as  demonstrated  by  the 
addition  of  cerium  to  Al-Fe  alloys,  and  the  addition  of  beryl¬ 
lium  to  aluminum.  Subsequent  processing  during  consolidation 
is  also  sensitive  to  powder  coating  variations;  especially  for 
A1  alloys. 

The  consideration  of  metastable  phase  diagrams  has  provided 
valuable  guidance  in  defining  the  range  of  operating  kinetics 
and  the  reaction  pathways  for  many  solidification  processes. 
The  Al-Ni ,  Al-Fe,  and  Al-Be  systems  all  exhibit  metastable 
phase  formation  which  is  associated  with  dispersoid  develop¬ 
ment,  so  that  the  corresponding  metastable  phase  diagrams 
become  important  when  workira  with  RSP  and  high  undercooling 
levels.  Indeed  an  examination  of  the  metastable  diagrams  in 
figures  10,  11,  and  19  indicates  that  the  potential  influence 
of  the  metastable  structures  becomes  most  significant  in  the 
Al-rich  composition  range  due  to  the  modest  undercooling 
required  to  allow  for  development  of  different  metastable 
eutectics.  The  clear  trend  for  development  of  metastable  phase 
structures  and  other  refined  dispersoid  phases  at  large  under¬ 
coolings  is  apparent  in  the  microstructural  summary  presented 
in  Table  1  for  a  number  of  Al  alloys  that  have  been  examined  in 
droplet  studies.  The  characteristic  of  powder  solidification 
from  an  undercooled  liquid  to  yield  zones  of  different  micro- 
structural  morphology  and  structure  is  also  apparent  from  the 
listing  in  Table  1.  The  microstructural  zones  are  developed  in 
response  to  the  thermal  history  associated  with  recalescence , 
competitive  kinetics  and  external  cooling.  The  microstructural 
variety  is  clearly  one  of  the  benifits  of  rapid  solidification 
and  provides  an  incentive  for  a  more  detailed  analysis  of  the 
solidification  behavior. 

While  significant  progress  has  been  made  in  acheiving  dis- 
pession  hardened  Al  alloys  with  useful  properties  by  RSP,  expe¬ 
rience  also  reveals  a  number  of  issues  that  need  to  be 
addressed  in  developing  a  more  reliable  process  control.  For 
example,  it  is  becoming  clear  that  not  ail  RSP  methods  are 
equivalent  in  terms  of  microstructural  development.  When  the 
microstructural  differences  are  examined  in  terms  of  cooling 
rate  which  is  often  similar  for  different  methods,  it  is  not 
clear  how  to  resolve  the  apparent  disparity.  However,  when 
microstructure  development  is  considered  in  terms  of  undercool¬ 
ing,  heat  transfer,  competitive  growth,  and  metastable  phase 
diagrams,  it  is  evident  that  different  pathways  to  either  simi¬ 
lar  or  to  different  structures  can  be  selected  at  different 
undercooling  levels  and  kinetic  constraints  even  at  for  similar 
cooling  rates.  This  is  an  important  step  towards  the  realiza¬ 
tion  of  processing  maps  for  selected  microstructures.  Similar 
methods  for  solid  state  treatments  may  be  developed  to  include 
the  effects  of  metastable  phase  decomposition  and  precipitate 


coarsening.  Within  this  framework,  a  microstructure  design 
strategy  can  guide  processing  in  order  to  alter  the  melt  sur¬ 
face  or  heat  transfer  and  to  select  alloying  additions  that 
modify  the  nucleation  kinetics,  relative  interface  velocity  and 
solid  state  stability  of  competing  alternative  structures  that 
can  be  useful  for  dispersoid  development. 


TABLE  1 

Summary  of  Droplet  Microstructures 
Alloy  Undercooling  (°C)  Microstructural  Features 


Al-Ni 

3wt*Ni  170 

6.1wt*Ni  160 

9-12wt*Ni  200 

15-19wt*Ni  210 

Al-Fe  260 

(hypereutectic) 

Al-Fe-Ce  320 

(hypereutectic) 

Al-Be  97 

(4-15  at*Be) 

Al-Y  [36]  60 

( eutectic ) 

Al-Si  [31]  160 


(up  to  20  wtSSSi) 


Formed  supersaturated  cells  of 
Al.  Precipitation  of  A^Ni 
observed  upon  DSC  analysis. 

Exhibited  a  multi-zone  micro¬ 
structures  which  contained  50 
-100  nm  diameter  A^Ni  par¬ 
ticles  . 

Contained  the  metastable  AlgNi2 
phase . 

Coupled  Al/AlgNi  morphologies 
were  exhibited. 

Formation  of  submicron  par¬ 
ticles  of  the  metastable  AlgFe 
phase . 

Suppression  of  primary  A^Fe, 
with  a  cellular  and  eutectic 
structure . 

Formation  of  a  finely  spaced 
eutectic  (125-150nm)  at  compo¬ 
sitions  greater  than  the  eutec¬ 
tic  composition. 

Formation  of  a  submicron  dis- 
persoids  of  AI3Y  in  an  Al 
matrix  by  rapid  eutectic 
growth. 

Formation  of  0.1  to  2.0  micron 
dispersoids  of  non-facetted  Si 
in  aluminum. 
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